One Sentence Summary: Electron nanodiffraction reveals the paracrystalline structure of a high entropy alloy and its complex strain field.
However, unlike conventional alloys, the distinction between the solute and matrix atoms disappear in the HEAs. The complex chemical and lattice disorder in the HEAs present a major challenge for their characterization (7) . Traditionally, crystal disorder is studied by diffraction based on the analysis of Bragg peak broadening (14, 15) , Debye-Waller factor (16) , diffuse scattering patterns (17) and pair-distribution function (PDF) (18). The analysis is performed over a volume of crystals. So far, such studies provided inconclusive evidence for lattice distortion (19, 20) . For example, PDF analysis of atomic distances in CrMnFeCoNi and Ni alloys demonstrated no significant differences between the HEA and the conventional alloys (21) .
For characterizing structural disorder in HEAs, two basic kinds of lattice distortion must be distinguished, with the presence (1 st ) and absence (2 nd ) of the long-range crystal order (14, 15) . In the 1 st kind, a solid-solution alloy has an average lattice where atoms are displaced from the lattice sites. While in the 2 nd kind, the lattice is distorted, the distortion fluctuates from one site to another, and the fluctuation increases as the distance to the site increases. Such structure is described as paracrystal (14, (22) (23) (24) . The models of paracrystal have been applied to describe the intermediate structures formed between perfect crystals and amorphous structure in a broad range of materials, including alloys, colloidal suspensions, organic semiconductors, polymer and protein crystals (15) . Support for the paracrystal model was also provided by electron microscopy (25, 26) . However, the observed paracrystals often have a mixture of ordered and disordered phases, and the interplay between order and disorder in a paracrystalline alloy is not clear. Real alloys also have defects and the related strain field, which must be separated as well in the study of lattice distortion (20) . 
R1 and R2 indicate the regions of the SEND experiments were performed. D and D' marks the observed defects. (C) Atomic resolution STEM image acquired with α = 25 mrad. (D) Electron nanodiffraction pattern formed with α = 1.1mrad, strain can be obtained by measuring relative shifts in the disk positions. (E) Representative experimental CBED pattern with α = 5.5 mrad, having highest symmetry of γ4=95.9%, γm1=96.4%, γm2=95.4%. (F) Overlay of symmetry maps obtained by quantifying symmetry in CBED patterns for 4-fold rotation (green), and along two different mirror plane directions, m1 (red) and m2 (blue). With the aid of CBED simulations, the specimen thickness is determined as ~186nm.
Here, we report on a scanning electron diffraction (SEND) based approach for the determination of distortion fields, and its application to an fcc HEA, Al0.1CrFeCoNi alloy. SEND works by rastering a nm-sized focused electron probe over a selected sample area, and by recording electron diffraction patterns over each probe position using a pixelated detector (Fig. 1A , also see Ref. (27) ). Inside a transmission electron microscope (TEM), SEND analysis can be carried out away from dislocations, grain boundaries or other bulk defects. While the principles of SEND is similar to the recently reported 4D-STEM technique (28), a key difference is that the small beam convergence angle in SEND enables quantitative measurement of crystal symmetry, lattice strain, and distortion. Using such approach, we show that the structure of the HEA is comprised of nmsized mosaic blocks of paracrystals. Strain is found between mosaic blocks and in nm-sized strained clusters, and their interaction gives rise to the inhomogeneous strain fields with fractal patterns. The inhomogeneous strain field is related to the nanoscale dislocation dynamics observed in the HEA (29) .
Experimental methods
The SEND experiments here were primarily carried out using a Themis Z STEM (scanning TEM, Thermo-Fisher Scientific, operated at 300kV). The polycrystalline Al0.1CrFeCoNi sample was prepared and characterized as described in Ref. (29) . Thin TEM specimens were prepared along [001] using the focused ion beam (FIB) method (30) . (Further details are provided in Supplementary Information.) Figures 1B and C show two STEM images obtained at 0.8 nm and sub-Å spatial resolution. Regular fcc lattice is observed in Fig. 1C , while Figure 1B reveals two types of contrast, the bright lines are dislocations in the as-prepared sample, and the dark coffeebean-like contrast. Diffraction analyses were performed in two regions of the HEA sample away from dislocations (marked in Fig. 1B ), using two types of diffraction patterns of nanodiffraction ( Fig. 1D ) and convergent beam electron diffraction (CBED, Fig. 1E ). The CBED patterns were used to determine local crystal symmetry. Electron nanodiffraction was used for the measurement of local d-spacing, lattice strain, and paracrystalline distortion. Figure 1F shows the HEA structure as measured by the CBED pattern symmetry. A perfect fcc crystal is expected to exhibit the 4mm symmetry in CBED along the cubic axis. The measured symmetries in Fig. 1F include two mirrors (m1 and m2, as marked in Fig. 1E ), plus the 4-fold rotation. The pattern symmetry was quantified by calculating the correlation coefficient (γ) between the symmetry related diffraction disks, following the procedures described in refs. (31, 32) . For a pattern of perfect symmetry, γ = 100%, while the measured γ in the single crystals of Si is close to 98% (31, 32) . In comparison, the highest measured γ in the HEA is 93%. In Fig. 1F , in regions where the HAADF-STEM image contrast is relative uniform, the symmetry of CBED patterns fluctuates between 83-93%. Large symmetry breaking is observed around defects observed in STEM (marked as D' in Fig. 1B ). Around these defects, γ ranges from 43 to 70%. Figure 2A highlights a region where the γ fluctuates. The symmetry fluctuations can be attributed to small random displacements seen by the electron beam. To demonstrate this and also to estimate the magnitude of these random displacements, we performed a series of CBED simulations using a mosaic block model (Fig.2B ). In this model, the crystal column is divided into nm-sized blocks, each block is displaced by (Rx, Ry, Rz), which are random and follow a Gaussian distribution of width σR and zero mean (Fig. 2B) . We simulated a total of 18,125 CBED patterns with different mosaic block configurations and quantified their symmetry. The simulations covered a range of block size (Lb) and the standard deviation σR of displacements, with Lb= 1-10 nm and σR = 0.013-0.023 Å, respectively. The simulation results were compared with the distribution of 4-fold rotational symmetry of 4,375 experimental CBED patterns selected from regions free of inclusions. Our results show that the local symmetry fluctuation can be approximated by 3-8 nm sized blocks, which are displaced with the standard deviation of σR = 0.02 Å (for details, see Figure 1F , and they are interpreted by the models of (B) and (F) 
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compressive strain, which correspond to inclusions. (E) Histograms showing the distribution of lattice strain along (220) and (22 ̅ 0). (F) The scaling of P(k) versus spatial frequency k, where P is the square of Fourier amplitude of strain maps in (A) and (B).
The defect regions of D' with large symmetry breaking are examined in Fig. 2 . These regions feature anisotropic symmetry breaking along <110> directions, and a core, the left-handside (LHS) and the right-hand-side (RHS) regions, as the example shown in Fig. 2E . The CBED patterns from these regions show different symmetry. For example, the experimental CBED pattern (Fig. 2G ) taken from RHS of Fig. 2E shows a higher mirror symmetry along m2 than m1, with γm2=92.5% and γm1=65.2%, respectively. The symmetry breaking is in close resemblance of the projected normal stress field around an inclusion of an oblate spheroid, as calculated from the Eshelby's model for ellipsoid inclusions (Fig. 2F) . The ellipsoid resides in the (110) Next, we mapped the lattice strain by measuring the d-spacing of (220) and (22 ̅ 0) reflections and used them to calculate the lattice strain along these directions (Fig. 3) . The measurement of d-spacing follows the methods described in Supplementary Text. A measurement precision (±0.13%) was achieved ( (marked by filled white triangles). The largest compressive strain measured by SEND is -2.3% (compared to -7.1% estimated from CBED, the smaller value is expected since nanodiffraction measures the average strain over the sample thickness). Away from the inclusions, the strain maps reveal clusters of strained regions and the line profiles over these regions (Figs. 3C and D) show varying strain over different length scales. Figure 3F shows the correlation of strain by plotting the power spectrum P(k) as function of k (the spatial frequency 1/L) for the sample region R2, where P(k) is radially averaged intensity of Fourier transform of the two strain maps in Fig. 3A and 3B.
Results here demonstrates ( )
To determine the nature of lattice distortion, we examined diffraction peak broadening in the recorded SEND patterns. The basic idea is that the 2 nd kind of lattice distortion causes a nonlinear increase in the integral breadths b of successive order (h) of reflections, while the 1 st kind lattice distortion causes a decrease in the intensities of the Bragg reflections only (14, 15) . In real crystals, inhomogeneous strain also contributes to peak broadening, which is proportional to tanθ (θ for diffraction angle). The δb is measured by the area under the diffraction peak divided by its height. The instrument effect was calibrated using a Si single crystal (Fig. S3 ), which gave a relatively constant δb (~0.7δb of the {200} reflections of the HEA). In Fig. 4B , the measured δb of the {h00} (h = 2, 4, and 6) reflections are plotted as function of h 2 , which is fitted by the nonlinear model (34)
, (1) where 〈 〉 and 〈 〉 are the average crystal size and d-spacing for the (hkl) plane, and g is the paracrystalline distortion parameter (PDP). From Fig. 4B we obtained 〈 〉 = 1.5
, which is comparable to the electron probe size of 1.7 nm in FWHM. Figure 4C shows the map of g obtained from the peak width analysis from region R2 (Fig. 1D) . The mean lattice distortion parameter g in this region was determined as 2.47% with a standard deviation of 0.38%. An example of the fluctuations in g is 
for details). (C) The g map of region R2 of 100x100 pixels (1 pixel = 2 nm), obtained by measuring the peak broadening in the diffraction pattern of each pixel and after a Gaussian smoothing of 1 pixel width (2 nm). (D) A profile of (C) over the marked blue line.
Discussion
The above results demonstrated the paracrystalline nature of lattice distortion in the HEA of Al0.1CrFeCoNi and its inhomogeneous strain field. A paracrystal is characterized by the variance of d-spacing ( is dependent on the displacement of the sites of 1 to j-1. For a 1D paracrystal, the diffraction peak width b increases with increasing scattering angle, and follows approximately the relationship of eqn. 1 for low-order reflections in the perturbed lattice model (24) . The diffraction pattern from a two-dimensional paracrystal is taken as equal to the product of the diffraction patterns from two 1D paracrystals (15, 24) . 35) . The * law implicitly indicates that in a paracrystal the crystallite size stops grow when the new cell to be added is too distorted. For g = 2.4%, N ≈ 39 and the predicted crystallite size is ~5 nm. In the HEA, our study shows that these crystallites manifest as paracrystalline domains or mosaic blocks. Fluctuations in the lattice strain are observed at the length scale similar to the size of the crystallites, which suggests an interruption to the paracrystalline order by strain relaxation. Such interruption is also evidenced by the symmetry fluctuations observed by CBED, which suggested a Gaussian distributed lattice displacements with σR = 0.02 Å between the mosaic blocks of 5 nm in size. In regions with inclusions, important questions are raised about their origin and thermodynamic stability. The inclusions suggest the non-ideal solid-solution nature in Al0.1CrFeCoNi. Previously, the spinodal decomposition of Cr, Fe-rich versus Al, Ni, Co-rich segregations was observed in the AlxCrFeCoNi systems at the higher x (37). First-principles electronic structure calculations demonstrated that the interactions between Al and transition metal elements are strongly attractive, Cr and Fe tend to stabilize the bcc structure and Ni and Co work as fcc stabilizer in the alloys, and the structures with ordered Al atoms at random transition metal atoms are more stable at higher Al concentrations (38). The inclusions we observed are disk-like in {110} planes and tensile-strained at the core, which can be assumed as Al-rich, since Al has the largest atomic-size mismatch among the constitutive atoms. Electron nanodiffraction from the core of inclusions shows strong diffuse scattering but no extra sharp reflections, which indicates shortrange intermetallic ordering (Fig. S4) . The Al-rich inclusions would be similar with the Pd-Pd pairs identified in PdCrFeCoNi, which also show the strain field following Eshelby's inclusion theory (19) . The sizes of inclusions are rather uniform at ~10 nm in diameter. The small sizes suggest that strain energy counter-balances the trend toward Al segregation.
The presence of Al-rich inclusions and the fluctuations of the PDP demonstrate fluctuations in the local chemical composition at the length scales of few to tens of nm, respectively, which is another major characteristic of the HEA. This is consistent with the atom probe analysis (29) and EDS mapping (Fig. S5) , as both measurements indicate fluctuations in chemical compositions at the nanoscale. The chemical fluctuations couple with the distortion fields of the paracrystals and the inclusions to create an inhomogeneous strain field. the distance-dependent strain correlations in the HEA follows a power law, with ( ) ∝ −2 (Fig. 3 ) and the pattern observed in the strain map is fractal (Fig. S6) . Fractal patterns are observed in numerous natural systems and in phase transformation. The presence of power law indicates the ability of a system to self-organize when constantly pushed to a disordered state by natural perturbations (39).
Together, the above results demonstrate a fractal distortion field in the HEA that contributes to the strengthening. Recently, Hu et al. reported dislocation storage and dislocation pileup that led to dislocation avalanches in the nanopillars of Al0.1CrFeCoNi using in-situ TEM, which they attributed to dislocation pinning by lattice distortion (29) . Theory predicts higher alloy strength for large misfit, which is determined by the atomic misfit factor  as well as its fluctuations (10) . The findings here demonstrate the nature of the lattice distortions and thus insights into the strengthening in the HEA. Specifically, the g and its distribution provide a direct measurement of atomic misfit in the HEA. The nm-sized inclusions give rise to precipitation-like strengthening, which has long been a common strengthening method in metals (40). The formation of inclusions can be attributed to interaction between the distortion field and chemical inhomogeneity, which plays a significant role in the HEA as our study shows.
Conclusion.
We have developed a comprehensive approach toward the characterization of lattice distortions in chemically complex alloys by examining local crystal symmetry and mapping of local strain field and paracrystalline distortion parameter. Using this approach, we demonstrate two sources of lattice distortions in the HEA of Al0.1CrFeCoNi. First is nm-sized paracrystals and the second features 10±3 nm, disc-shaped, clusters having ~7.1% tensile displacements along <110> directions. The severe distortion in the paracrystals limit their size and contributes to strain between paracrystal blocks. Furthermore, the interaction of nm-sized paracrystal blocks and strained nano-clusters gives rise to fractal strain field that differentiates the structure of the HEA from conventional alloys.
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Supplementary Materials
Materials and Methods
Sample and TEM specimen preparation Polycrystalline Al0.1CrFeCoNi HEA, provided by Prof. Peter Liaw of University of Tennessee, was prepared by vacuum induction melting and casting (Sophisticated Alloys Inc., Butler, PA). The as-cast samples were hot isostatic pressed at 1,100°C for 1h under a 207 MPa ultra-high-purity argon pressure to reduce porosity, which resulted large grain sizes (~ 10 2 μm). The composition and chemical homogeneity were checked by atom probe tomography analysis previously (1) . TEM specimens were prepared along [001] axis from a selected grain in the polycrystalline sample using focused ion beam (FIB) following the procedures described in ref. (2) . The orientation of the grain was determined with the help of electron backscatter diffraction (EBSD).
Scanning electron nanodiffraction (SEND) acquisition
The SEND experiments were carried out using a Themis Z STEM (Thermo Fisher Scientific) operated at 300kV, and a JEOL 2200FS FEG TEM with an in-column Omega energy filter and operated at 200kV for energy-filtered CBED. Two types of diffraction patterns were recorded. First, for a spot-like diffraction pattern, we used an electron probe of a semi-convergence angle of 1.1 mrad and a probe size of 1.7 nm in FWHM (full-width at half-maximum). The SEND patterns described in the text were acquired using a 100x100 pixel scan over a sample area of 200x200 nm 2 . The total acquisition time is ~1hr and during this period the sample drift is less than 3 nm. Second, for CBED patterns, we used an electron probe having a semi-convergence angle of 5.5 mrad and probe size of 0.8 nm in FWHM. The SCBED was performed with a 200x200 pixel scan over a sample area of 200x200 nm 2 . The total acquisition time of ~4 hrs and the overall sample drift is ~10 nm.
X-ray energy dispersive spectroscopy (EDS)
The X-ray EDS area analysis was performed using an electron probe of 0.8 nm in FWHM, with a 180x180 scan over 180x180 nm 2 about the same region where SCBED was performed, having specimen tilted ~6° away from [001] zone axis. The specimen thickness is ~186 nm as measured by CBED analysis. Each spectrum was acquired using a four-quadrant FEI Super-X detector for 1s, spanning the total acquisition time of ~11 hrs. For the analysis, the K-α peak signal for each element in each X-ray spectrum was first smoothed using the Savitzky-Golay filter, which was then fitted with a Gaussian peak to obtain the peak height. The peak height was then normalized with respect to total K-α peak heights in each spectrum (Fig. S5) . Here, the peak height ratio maps do not represent atomic percent, but only maps out relative concentration fluctuations since there being strong absorption of Al-K X-rays by Ni (3).
Supplementary Text Scanning electron nanodiffraction, strain analysis
Strain analysis via SEND is based on Bragg's law by measuring the change in distance between diffracted beams. For each diffraction pattern, the positions of 9 selected beams, which include the center beam and 8 diffracted beams of low-order reflections, were determined. The beam in the diffraction pattern appears as a disk because of the beam's semi-convergence angle (1.1 mrad for SEND). Dynamical diffraction effects on intensity distribution within the disk.
Because of this, diffraction intensity cannot be used to measure the beam position reliably. We used the circular Hough transform method for detecting disk position at subpixel precision (4). The method works by applying first the Sobel filter to the SEND pattern to filter out the disk edge. Then, circular Hough transform is applied the filtered SEND pattern, which transform the filtered pattern of edge circles into a pattern of Hough transformation peaks, with each peak marking the position of a detected circle. The peak position was measured by fitting using a Lorentzian peak model. This measurement was applied to all 9 selected beams, and a 2D reciprocal lattice with 1 ⃑⃑⃑⃑ and 2 ⃑⃑⃑⃑ as the basis vectors was then determined from the measured disk positions. Strain for a given lattice plane of (= 1 ⃑⃑⃑⃑ + j 2 ⃑⃑⃑⃑ ) is calculated by
where 1/| 0 ⃑⃑⃑⃑ | is the reference d-spacing for the lattice plane of , which was obtained using the calibrated camera constant. The calibration was performed using a standard Si specimen.
Scanning electron nanodiffraction, distortion analysis The integral breadth was measured by non-linear least-squares fitting (using the Python Scipy package) of the intensity profile taken across the (200), (400), and (600) reflections in the recorded nanodiffraction patterns. The intensity profile was taken across the center of (h00) reflections and averaged over a width of 3 pixels (an example is shown in Fig. 4A in Main Text). The fitting was done using a peak model consisted of a pseudo-Voigt function and an exponential background. Instrumental broadening effect was calibrated using a Si single crystal (Fig. S4) . The distortion parameter was obtained by a linear fit of integral breadths for three consecutive diffracted peaks.
Simulations for convergent beam electron diffraction patterns
For a perfect crystal, the CBED simulation is based on the Bloch-wave method, using the neutral atomic scattering factors of Doyle & Turner (5), absorption parameters of Bird & King (6), a total of 29 beams and 3209 incident beam directions within the CBED disc. For a distorted crystal, the CBED simulation is based on the Bloch-wave scattering matrix method, using the same parameters as above. The crystal potential with lattice displacements ( ⃑ ) was constructed using the deformable ion approximation
where Ug is the Fourier coefficient of the perfect crystal potential. To simulate CBED patterns from the imperfect crystal of the HEA, we considered a crystal column, which is separated into blocks. Within each block, and ⃑ are constant. The electron wave function in reciprocal space at thickness t, 
with z as the block thickness.
To examine the effects of lattice distortions on the symmetry of simulated CBED patterns, we employed two models for the displacement field ⃑ ( ). The displacement caused by the elliptical inclusion was approximated with a displaced block of 10 nm in a column of crystal (Fig.  2B) , and the magnitude and the direction of ⃑ , and the depth position of the displaced block (zR) were the simulation parameters that were adjusted for a fit to the experimental pattern. In regions free of inclusions, the crystal column was divided into blocks of same thickness. Each block is displaced by (Rx, Ry, Rz), which were randomly generated and followed a Gaussian distribution of width σR and zero mean (Fig. 2F) . The simulations were repeated multiple times for a range of block size (Lb) and the standard deviation σR of displacements, with Lb= 1-10 nm and σR = 0.013-0.023 Å, respectively. The simulated CBED patterns were quantified for their 4-fold rotation symmetry and compared with the experimental data. The results are summarized in Fig. S1 . Fig. S1 . Simulations of CBED symmetry fluctuations in Al0.1CrFeCoNi using the mosaic crystal models of nm-sized blocks. (A) The symbols represent the distribution of the measured 4-fold rotational symmetry in the simulated CBED patterns. Each symbol and its bar correspond to the mean and the distribution of 4-fold rotational symmetry from 625 simulated CBED patterns for a given mosaic block size and the specific standard deviation of Gaussian distributed random displacements. The red horizontal line and the band corresponds to the mean and standard deviation of 4-fold rotational symmetry of 4375 experimental CBED patterns from regions free of inclusions, as marked by red boxes in (B). The standard deviation of strain as measured by SEND for (220) and (22 ̅ 0) directions are 0.58% and 0.49%, which gives a standard deviation of the directional displacement of 0.006Å and 0.007 Å, respectively. Using these values, the mosaic block size is estimated as between 3-8 nm from . Energy dispersive X-ray spectrum images in Al0.1CrFeCoNi HEA. The EDS-spectrum image, 180x180 with step sizes of 1nm, was acquired about the same region as for SCBED, with specimen tilted ~6° away from [001] zone axis. The sample thickness is ~186nm determined by CBED analysis. Each spectrum was acquired for 1s, spanning the total acquisition time of ~11hrs. (A) Two example EDS spectra showing fluctuations in K-α peak heights. The inset shows a zoom in the energy range for the expected Al-K and Ga-K peak positions (the Ga is expected from the preparation of the TEM sample using FIB. The absence of Ga peaks demonstrates that the amount of Ga is less than the detection limit). (B) Selected Al-K peak indicated in (A). Every K-α peak signal for each element was first smoothed with Savitzky-Golay filter, fitted with a Gaussian peak to obtain the peak height, then normalized with respect to total K-α peak heights in each spectrum. Each image was displayed with limits between ±3 times of standard deviation about the average. The scale bar corresponds to 50 nm. The arrow in (G) indicates the horizontal region being damaged by the electron beam due to long exposure. 
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